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On the Impact of Strained PECVD Nitride Layers on Oxide
Precipitate Nucleation in Silicon
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PECVD nitride layers with different layer stress ranging from about 315 MPa to −1735 MPa were deposited on silicon wafers with
similar concentration of interstitial oxygen. After a thermal treatment consisting of nucleation at 650°C for 4 h or 8 h followed
annealing 780°C 3 h + 1000°C 16 h in nitrogen, the profiles of the oxide precipitate density were investigated. The binding states
of hydrogen in the layers was investigated by FTIR. There is a clear effect of the layer stress on oxide precipitate nucleation. The
higher the compressive layer stress is the higher is a BMD peak below the front surface. If the nitride layer is removed after the
nucleation anneal the BMD peak below the front surface becomes lower. It is possible to model the BMD peak below the surface by
vacancy in-diffusion from the silicon/nitride interface. With increasing duration of the nucleation anneal the vacancy injection from
the silicon/nitride interface decreases and with increasing compressive layer stress it increases.
© The Author(s) 2019. Published by ECS. This is an open access article distributed under the terms of the Creative Commons
Attribution 4.0 License (CC BY, http://creativecommons.org/licenses/by/4.0/), which permits unrestricted reuse of the work in any
medium, provided the original work is properly cited. [DOI: 10.1149/2.0061909jss]

Manuscript submitted May 22, 2019; revised manuscript received July 22, 2019. Published August 9, 2019.

Silicon nitride layers belong to the essential components of sili-
con device technologies. They find their application e. g. in masking,
dielectric insulation, passivation, and antireflective coating.1 Nitride
layers can be deposited on silicon by various chemical vapor deposi-
tion (CVD) methods or grow thermally in nitrogen containing atmo-
sphere, as e. g. NH3, whereby the latter methods require much higher
temperatures than the former ones.

Nitride layers are well known to affect the intrinsic point defect
concentrations in silicon leading to effects like retarded diffusion of B
and P, enhanced diffusion of Sb, and shrinkage of oxidation induced
stacking faults (OSFs).2–5 Usually, nitride layers are tensile strained at
room temperature. It is assumed that excess vacancies (V) are gener-
ated as the result of stress release at the interface. This would explain
the observed effects mentioned before very well. Positron beam analy-
sis has confirmed the existence of excess vacancies in the compressed
silicon.6 However, the exact mechanism of vacancy introduction is
not fully understood. It is not associated with the thermal growth of
a nitride layer because the effect of retarded dopant diffusion lasts
for hours compared to the layer growth which stops already after a
few minutes when a thickness of 3-5 nm is reached.7,8 It was also
found that deposited nitride layers generate excess vacancies.4,5,9,10

Models that describe the vacancy injection from the silicon/silicon ni-
tride interface are very rare. In the semi-empirical model of Ref. 8,
the vacancy flux from the interface is described via two components,
a large flux rapidly decaying lasting for the first few minutes followed
by a slowly decreasing flux over several hours. It is assumed that the
second component arises from the diffusion of silicon atoms into the
silicon nitride layer to relieve the tensile stress.8

Investigations of B and P retarded diffusions and OSF shrinkage
at 1100°C have shown that the vacancy supersaturation is closely re-
lated to the tensile stress level in the silicon nitride layers.4 It was also
found that after removing the nitride layer the effect of enhanced Sb
diffusion disappears.11,12 Retarded B diffusion investigated in the tem-
perature range from 900°C to 1100°C could be related to the vacancy
supersaturation caused by compressive stress in the silicon below a
tensile strained silicon nitride layer.10

Vacancy injection from nitride layers would also affect bulk
microdefect (BMD) generation because oxygen precipitation in
Czochralski silicon strongly depends on the supersaturation of intrin-
sic point defects whereby vacancy supersaturation enhances oxygen
precipitation and self-interstitial supersaturation retards it.13,14 Oxide
precipitates with and without secondary defects, which are generated
for strain relaxation, are usually called BMDs.

It was demonstrated by ab initio calculations that the equilibrium
concentrations of vacancies and self-interstitials depend on stress.15–17
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The diffusivities of V and I were also found to be dependent on
stress.18,19 However, the stress levels caused by the silicon nitride lay-
ers in the silicon substrate are several orders of magnitude too low to
effectively influence the solubility of the intrinsic point defects.

During high temperature (1250°C and 1175°C) rapid thermal an-
nealing (RTA) of silicon covered with deposited nitride layers it was
found that N diffuses from nitride layers into silicon and increases the
oxide precipitate density.9 Similar effects were observed after high
temperature furnace annealing of wafers covered with silicon nitride
layers in Refs. 20–27.

In the work presented here, we have investigated the impact of
silicon nitride layers with different layer stress deposited by plasma
enhanced chemical vapordeposition (PECVD) on oxide precipitate
nucleation at 650°C. The effects caused by nitride layers in this tem-
perature range are still unknown. The PECVD nitride layers used here
were compressively as well as tensile strained. This was expected to
help to further elucidate the generation mechanism of intrinsic point
defects. We used simulation models in order to confirm the conclusions
drawn from the experiments.

Experimental

The silicon wafers used for the experiments were 200 mm in di-
ameter, 725 μm thick, B-doped with a resistivity of about 10 �cm
and a concentration of interstitial oxygen of 6.3 × 1017 cm−3 (con-
version factor 2.45 × 1017 cm−2). Silicon nitride layers were de-
posited from the gas phase at about 380°C by PECVD (plasma en-
hanced chemical vapor deposition) on the front side of the wafers.
The layer stress was adjusted to values between 315.5 MPa (tensile)
and − 1734.7 MPa (compressive) and the layer thickness was be-
tween 569 nm and 747 nm. The layer stress is controllable by the
radio frequency (RF) power during the deposition. Higher RF power
means more compressive stress. For the layer with the tensile stress of
+315 MPa the RF power was set to 600 W and for the layer with the
most compressive stress the RF power was adjusted to 1700 W. The
dependence of the stress in relation to the RF power is quite linear.
All the other the recipe parameters, like pressure, silane and ammonia
flow, were kept constant. This allowed us to investigate the impact of
tensile and compressive layer stress on the oxygen precipitation and on
the generation of excess vacancies from the interface silicon/silicon
nitride. In Table I, all thicknesses and layer stresses of the PECVD
nitride layers, the RF power, and the initial concentrations of inter-
stitial oxygen of the substrate wafers are summarized. For reference
purposes, one wafer was left without nitride layer. The layer stress was
measured using a FSM 128 stress and wafer bow/warp measurement
system and calculated according to Stoney’s equation.28
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Table I. Interstitial oxygen concentration of the silicon substrate, RF power during deposition, layer stress and thickness of the PECVD nitride
layers.

Oi (1017 cm−3) RF power (W) Average layer stress (MPa) Average layer thickness (nm)

6.3 − no layer 0
6.3 600 315.5 689
6.3 900 −53.9 747
6.3 1300 −886.5 682
6.3 1700 −1734.7 569

The wafers were cut into pieces of 3 cm × 3 cm. Then, nucleation
anneals at 650°C for 4 h or 8 h in nitrogen were carried out on such
samples. After nucleation annealing, a so-called BMD test consist-
ing of an anneal at 780°C for 3h in N2 for stabilization of the oxide
precipitate nuclei and a growth anneal at 1000°C for 16h in N2 were
carried out. This is necessary to grow the oxide precipitate nuclei to
sizes above the detection limit of the analysis method.

The BMD density was determined by preferential etching of (110)
cleavage planes perpendicular to the (100) wafer surface using the
Secco etchant.29 Depth profiles of the BMD density were generated
by measuring the etch pit density across the cleavage plane.

The hydrogen content of the nitride layers was analyzed after the
different thermal steps by Fourier transform infrared (FTIR) spectrom-
etry. The spectra were recorded against silicon samples of the same
wafer without nitride layer using a resolution of 4 cm−1 and an aperture
of 1 mm. A Bruker Vertex 80v was used for the measurements.

The nitrogen content was determined by XPS depth profiling, per-
formed in an Ulvac-PHI VersaProbe II instrument equipped with a
monochromatic Al K-Alpha X-ray source with a photoelectron take-
off angle of 45°, a hemispherical analyzer and Argon ion gun. A
dual-beam charge neutralizer (8 eV Ar+ and 10 eV-electron beam)
was used to compensate the charge-up effect. The profiles were ac-
quired by alternatively eroding the surface with a Ar+ beam (1keV,
2 mm × 2 mm) followed by Si2p and N1s spectra measurement in
the center of the crater. The quantification was performed by using the
Multipak-Software. The sensitivity factors from Software databank
were adjusted with a SiN calibration sample.

In order to find out if the deposition of the PECVD nitride lay-
ers lead to a hydrogen-rich layer at the surface of the silicon sub-
strate below the nitride, caused by plasma related damage, hydrogen
depth profiles were measured by time-of-flight secondary ion mass
spectrometry (ToF-SIMS) in a ToF-SIMS V mass spectrometer from
IONTOF. Cesium sputtering was used, and H− ions were detected
since the H− signal is more sensitive than the H+ signal. The depth
profiles were acquired by sputtering with a Cs+ ion beam with an
energy of 500 eV over a 300 × 300 μm2 area and analyzing with a
Bi1+ beam with an energy of 25 keV over a 100 × 100 μm2 area in
the center of the crater produced by the cesium beam. The hydrogen
quantification was performed by using the relative sensitivity factors
obtained from an implanted standard sample with a known dose of
1016 atoms/cm2.

Experimental Results

In the beginning, we compare the FTIR spectra of the as-deposited
nitride layers with different layer stress. In all spectra, shown in Fig. 1,
we can find three absorption bands, the Si-N stretch mode between
843–870 cm−1, the Si-H stretch mode between 2170–2183 cm−1, and
the N-H stretch mode between 3316–3358 cm−1. These are usually
found in PECVD silicon nitride layers.30–32 It can be seen in Fig. 1 that
the maximum absorption coefficients of the Si-H and N-H modes are
different. We used the conversion coefficients of Demichelis et al.30

and calculated the densities of Si-H and N-H bonds. The results shown
in Fig. 2 (top left) demonstrate that with increasing compressive stress
the concentration of N-H bonds increases and the concentration of
Si-H bonds decreases. This is well in agreement with Ref. 31 and due

to the increasing RF power for deposition of layers with increasing
compressive stress.

In order to find out what happens to the hydrogen during the thermal
treatments, we recorded FTIR spectra after the nucleation anneal and
after the growth anneal at 1000°C. The corresponding results can be
also found in Fig. 2. Because the absorption spectra after 4 h and
8 h of nucleation annealing are similar only the results after 4 h of
nucleation are shown here. It can be seen that only minor changes
of the concentrations of Si-H and N-H bonds take place during the
nucleation anneal at 650°C. This becomes also obvious if the total H
concentrations, which are the sums of Si-H and N-H bond densities,
are compared (Fig. 2 bottom right). During growth annealing most
of the hydrogen evaporates from the layer. In the layers with the two
highest values of compressive stress, a small amount of N-H bonds is
remaining whereas Si-H is extremely low in all samples after growth
annealing at 1000°C for 16 h. The total remaining hydrogen after the
growth anneal is decreasing with decreasing compressive layer stress.

Figure 3 shows the composition of the PECVD nitride layers mea-
sured by XPS. It can be seen that all layers are sub-stoichiometric with
respect to nitrogen. With increasing compressive stress the nitrogen
content increases and seems to saturate at 48.4 at% of nitrogen.

Because hydrogen can affect oxygen precipitation, depth profiles
of hydrogen were measured by ToF-SIMS after removal of the nitride
layers. Sopori et al. detected a 100 nm wide layer of enhanced hydro-
gen concentration of up to 1020 cm−3 below the surface. They assume
that the hydrogen is trapped there by traps generated by the plasma in
the beginning of the PECVD. In our hydrogen depth profiles, shown
in Fig. 4, such a layer trapping hydrogen cannot be found. All hydro-
gen depth profiles are similar and exhibit a hydrogen peak below the
surface but only up to a depth of 2 nm. This peak is located in the
region of the native oxide and it can be assumed that it is due to the
removal of the nitride layer in HF and rinsing in water.

The stress system describing the silicon nitride layers on silicon
substrates is fully biaxial. If the layers are compressively strained

Figure 1. FTIR spectra of as-deposited nitride layers with different average
layer stress.
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Figure 2. Concentration of N-H and Si-H bonds in the as-deposited nitride layers (top left), after 4 h nucleation anneal at 650°C (top right), and after 4 h nucleation
anneal + 780°C 3 h + 1000°C 16 h (bottom left) and changes of the H concentration after different thermal steps (bottom right) all plotted as function of the
average layer stress.

the substrate is tensile strained on the front side and compressively
strained on the reverse side. For the tensile strained nitride layers it
is vice versa. The maximum substrate stress is about three orders of
magnitude lower than the layer stress because of the low thickness
ratio between layer and silicon wafer.35

The depth profiles of the BMD density in silicon covered by ni-
tride layers with different layer stress after 650°C 4 h followed by
780°C 3 h and 1000°C 16 h in N2 are shown in Fig. 5. One of the
samples was an as-grown wafer without nitride layer. This wafer pos-

Figure 3. Composition of the PECVD silicon nitride layers plotted as function
of the layer stress.

sesses a flat BMD profile. All wafers covered by nitride layers exhibit
a BMD density increasing toward the surface. The higher the com-
pressive layer stress, the higher is the peak BMD density below the
surface.

In Fig. 6, the depth profiles for 8 h of nucleation time are shown.
The profiles also possess a BMD peak below the surface but the BMD
densities are higher and the slope reaches deeper regions of the bulk.
The wafer without nitride layer has a flat profile but with higher BMD
density compared to 4 h of nucleation.

Figure 4. Hydrogen depth profiles of the PECVD silicon nitride layers de-
posited with different layer stress.
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Figure 5. BMD density depth profiles in silicon covered by nitride layers with
different layer stress after 650°C 4 h followed by 780°C 3 h and 1000°C 16 h
in N2.

In order to find out what the effect of the layers during the growth
anneal is, in a second set of experiments the silicon nitride layers
were etched off after nucleation annealing. The resulting BMD depth
profiles for 4 h and 8 h of nucleation can be found in Figs. 7 and 8,
respectively. Comparing them with Figs. 5 and 6, it can be seen that
the BMD densities are lower if the nitride layers are removed after
nucleation annealing. Especially, for 8 h nucleation it can be seen that
the BMD density decreases faster toward the bulk.

In Fig. 9, the maximum BMD densities of the four depth profiles
are compared. It can be seen that any of the nitride layers on top of
the silicon wafers leads to an increased BMD density compared to the
bare wafer. With increasing compressive layer stress, the BMD density
increases in all types of experiments. As expected, the longer duration
of nucleation has generated higher BMD densities. It also becomes
obvious that the removal of the nitride layer resulted in lower BMD
densities.

Discussion of Experimental Results

We first want to discuss if hydrogen incorporated into the PECVD
nitride layers could cause the observed BMD depth profiles. Hydro-
gen is known to enhance the diffusivity of interstitial oxygen36 and
therefore it could affect the nucleation rate which is proportional to
the diffusivity of interstitial oxygen as will be shown later. If hydrogen
would diffuse in from the interface nitride layer/silicon, it would be
feasible that the observed BMD profiles could be explained in this

Figure 6. BMD density depth profiles in silicon covered by nitride layers with
different layer stress after 650°C 8 h followed by 780°C 3 h and 1000°C 16 h
in N2.

Figure 7. BMD density depth profiles in silicon covered by nitride layers with
different layer stress after 650°C 4 h followed by 780°C 3 h and 1000°C 16 h
in N2. The nitride layer was removed after annealing at 650°C.

way. Prerequisite would be that the hydrogen in-diffusion is differ-
ent for the different layers investigated here. The results of the ToF-
SIMS measurement in Fig. 4 are very similar for all nitride layers and
with very high probability the hydrogen stems from the layer removal
process.

According to the model of Sopori et al.33,34 a 100 nm surface layer
in the silicon substrate with hydrogen trapped during the layer depo-
sition process is necessary for hydrogen in-diffusion into the silicon
substrate. The trapped hydrogen would be released during subsequent
anneals at temperatures above the layer deposition temperature and
can diffuse into the substrate. Such a layer of trapped hydrogen was
not detected in our substrates after layer deposition. Furthermore, the
shape of the BMD profiles observed do not correspond to the shape
as it would be generated by the H-trapping model of Sopori et al.33,34

The hydrogen in the layers is well known to be released from the
layer surface during anneals at temperatures higher than the temper-
ature of layer deposition.37–39 The release was monitored by a rest
gas analysis and thermal desorption spectroscopy.37 This leads to an
irreversible built-up of more tensile stress in the layers.37–39 This ir-
reversible increase of tensile stress was shown to be proportional to
the reduction of hydrogen. The proportionality constant describes the
volume change per evolution of two hydrogen atoms and decreases
with increasing temperature of layer deposition.38 An estimation of
the increase of tensile stress due to the released hydrogen concen-
tration according to Hughey and Cook38 gave values in the range
200–400 MPa for the 1000°C growth anneal. Compared to the

Figure 8. BMD density depth profiles in silicon covered by nitride layers with
different layer stress after 650°C 8 h followed by 780°C 3 h and 1000°C 16 h
in N2. The nitride layer was removed after annealing at 650°C.
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Figure 9. Maximum BMD density in silicon covered by nitride layers with
different layer stress after 650°C 4 h (red) and 650°C 8 h (blue) both followed
by 780°C 3 h and 1000°C 16 h in N2. The results with (empty diamonds) and
without (full diamonds) removal of the nitride layer after annealing at 650°C
are compared.

initial layer stress which is compressive in three cases the full process
would lead to compressive stress in only two cases. For the 650°C
nucleation anneal the increase of tensile stress would be negligible
compared to the initial stress. This is mainly due to the relatively low
impact of the 650°C anneal on the hydrogen concentration shown in
Fig. 2.

All BMD depth profiles (Figs. 5–8) indicate that a species orig-
inating from or induced by the silicon nitride layer is diffusing into
the silicon wafer during nucleation as well as during growth anneal-
ing enhancing oxygen precipitation. This species could be hydrogen,
nitrogen or vacancies. The arguments in the beginning of this section
speak against hydrogen because we cannot find a layer with trapped
hydrogen serving for hydrogen diffusion into the silicon substrate and
because the hydrogen profiles measured are very similar. In addition
to this, the total remaining hydrogen in the layers is highest for the
wafers with highest BMD enhancement.

Nitrogen is also known to enhance oxygen precipitation.40 It was
found to diffuse into silicon from nitride layers during RTA at high
temperature.9 However, the diffusivity of nitrogen at 650°C is very
low.41 Therefore, the observed BMD profiles cannot be explained by
nitrogen in-diffusion. At 1000°C, the diffusivity of nitrogen is much
higher. However, on some of the samples we removed the nitride layer
after annealing at 650°C and received a strong effect on oxygen precip-
itation. So nitrogen in-diffusion cannot be regarded as being important
to explain the observed results of oxide precipitate nucleation.

The remaining candidate for the in-diffusing species are sili-
con vacancies. Vacancies are known to enhance oxide precipitate
nucleation13,14 and as described above deposited silicon nitride lay-
ers are assumed to generate vacancies because several authors found
that boron diffusion is retarded below such layers.4,5,10 In all these
publications, the deposited nitride layers investigated were only ten-
sile stressed. So it is easily understood that due to the tensile stress
in the layer and the compressive stress in the silicon substrate silicon
atoms from the substrate can be absorbed by the nitride layer for strain
relief thus generating silicon vacancies.4 It was also found that the de-
gree of vacancy supersaturation is dependent on the stress level.4 Al-
though, the results are usually discussed in this way the mechanism of
vacancy generation is not well understood.8 The results of our work
would suggest that with increasing compressive layer stress the va-
cancy supersaturation would increase. This does not fit into the usual
scheme of explanation. An absorption of silicon atoms by the nitride
layer for stoichiometric reasons seems also unlikely because it is the
nitrogen which is sub-stoichiometric and not the silicon.

In an earlier work, Sopori et al. proposed a hydrogen diffu-
sion mechanism involving {V-H} complex formation.42 Such process
would be also influenced by the concentration of interstitial oxygen
as shown in Ref. 42.

Modeling

Vacancies are the most likely candidate for the in-diffusing species
in spite of the not well understood mechanism of their generation.
Therefore, we try to model the BMD profiles applying a usual basic
model which was also used in Ref. 43 to describe interstitial injection
from PECVD oxide layers on silicon. It is described here briefly for the
case of vacancy injection. The profiles of intrinsic point defects were
modeled by including both diffusivity and solubility of the intrinsic
point defects and the Frenkel pair equilibrium.43–46 Then, the change
of vacancy V and self-interstitial I concentrations as a function of time
t and depth x would be

∂

∂t
CV,I (x, t ) = ∂

∂x

[
DV,I

∂

∂x
CV,I (x, t )

]
− kIV (x, t )

× [
CI (x, t )CV (x, t ) − Ceq

I (x, t )Ceq
V (x, t )

]
[1]

with

kIV (x, t ) = 4πrc

�CSi
(DI + DV ) [2]

Here,36 DV,I are the diffusivities of vacancies and interstitials, CV,I are
their concentrations, and Ceq

V,I are their equilibrium concentrations.
From the atomic density of silicon CSi = 5 × 1022cm−3, the cap-
ture radius rc = 10−7cm, and the volume of the silicon unit cell
� = 2.002 × 10−23cm3 the Frenkel pair reaction constant kIV can
be obtained. The energy barrier of the Frenkel pair reaction was as-
sumed to be zero.

The temperature was kept at 650°C for 4 h or 8 h. The ini-
tial concentration of intrinsic point defects was set to their equilib-
rium values CV,I (x, 0s) = Ceq

V,I . Here, we used two modeling ver-
sions. In one model, Dirichlet boundary conditions were used with
CV,I (725μm, t ) = Ceq

V,I (T ) at the reverse surface, and CI (0μm, t ) =
Ceq

I (T ) and CV (0μm, t ) = S ·Ceq
V (T ) at the front surface. The vacancy

supersaturation S at the interface silicon/silicon nitride, assumed to be
constant, is as follows

S = CV (T ) /Ceq
V (T ) . [3]

In a second model, a vacancy source g of the following type

− �n

(
−DV

∂

∂x
CV

)
= g [4]

was implemented on the front surface instead of assuming a constant
vacancy supersaturation.

Because the result of this model are profiles of intrinsic point de-
fects we need transform them into BMD profiles. This can be done via
the empirical relation

N = a · (
CV /1013

)3 · (
COi/1017

)6
[5]

which can be assumed when the BMD density is measured after 780°C
3 h and 1000°C 16 h.43 The constant a is a fit factor. In our case
the concentration of interstitial oxygen COi is constant and can be
included into a. This way of modeling will not take into account the
out-diffusion of oxygen during growth annealing at 1000°C for 16 h
and therefore the decrease of the BMD density below the surface.

With the help of modeling and adjustment to experimental data,
we intended to determine the diffusion coefficient and supersaturation
of vacancies, and the vacancy injection from the interface.

In order to confirm if the vacancy supersaturations obtained from
modelling would be suitable to explain the BMD nucleation the time
dependent vacancy supersaturations in the depth of maximum BMD
density were inserted into a simplified model for nucleation oxide pre-
cipitates based on classical nucleation theory. It was assumed that the
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Figure 10. Comparison of modeled (lines)and measured (dots) BMD depth
profiles in silicon covered by nitride layers with different layer stress after an-
nealing at 650°C 4 h followed by 780°C 3 h and 1000°C 16 h in N2. Blue
without layer, red 315.5 MPa, green −53.9 MPa, purple −886.5 MPa, and yel-
low −1734.7 MPa layer stress. The nitride layer was removed after annealing
at 650°C.

strain of the spherical oxide precipitates is fully relaxed by absorption
of 0.5 vacancies per precipitated oxygen atoms. Then the free energy
of formation would be

�G = −n k T ln

[
COi

Ceq
Oi

S0.5

]
+

(
36π

C2
p

)1/3

σ n2/3 [6]

with n being the number of oxygen atoms in the precipitate, k Boltz-
man’s constant, CP the density of oxygen atoms in the precipitate, σ
the interface energy, and COi the initial concentration of interstitial
oxygen, and Ceq

Oi (T ) the solubility of interstitial oxygen. The number
of oxygen atoms in a critical nucleus ncrit is obtained by setting the
first derivative of �G to zero and resolving for n. The nucleation rate
J can be calculated as follows:

J = C2
Oi exp

(−�Gcrit

k T

)
4π

(
3 ncrit

4π CP

)2/3 DOi

d

(
�Gcrit

3π k T n2
crit

)1/2

.

[7]
Here, d is the distance of an atomic jump (0.235 nm) and DOi is the
diffusivity of interstitial oxygen. Both, diffusivity and solubility of
interstitial oxygen were taken from Mikkelsen.47

Results of Modeling

In order to correlate the measured BMD density profiles with the
results of modeling, we first determined a by adjusting a calculated
profile with S = 1 to the measured profile of a wafer without nitride
layer. In this case we found a = 1.22 × 10−8 cm−24 for 4 h of nucleation
and a = 1.52 × 10−12 cm−24 for 8 h of nucleation. These values for
a were used for all layers of the respective type of nucleation anneal
to convert the calculated vacancy concentration into BMD densities
with Eq. 5.

In the next step, the modeled profiles of the BMD density were
adjusted to the experimental BMD profiles of Figs. 10 and 11 using S
and DV as a fit factors. Figures 10 and 11 demonstrate that the exper-
imental and modeled BMD depth profiles can be well adjusted. This
works for both types of boundary conditions, vacancy supersaturation
and vacancy source.

In Fig. 12, the resulting vacancy supersaturation at the silicon/
nitride interface, the vacancy injection rates, and the diffusivities of va-

Figure 11. Comparison of modeled (lines)and measured (dots) BMD depth
profiles in silicon covered by nitride layers with different layer stress after an-
nealing at 650°C 8 h followed by 780°C 3 h and 1000°C 16 h in N2. Blue
without layer, red 315.5 MPa, green −53.9 MPa, purple −886.5 MPa, and yel-
low −1734.7 MPa layer stress. The nitride layer was removed after annealing
at 650°C.

cancies are shown. The upper graphs belong to the model with vacancy
supersaturation and the lower graphs belong to the model with vacancy
injection as boundary condition. It can be seen that both the vacancy
supersaturation and the vacancy injection rate increase with increas-
ing compressive layer stress and decrease with increasing duration
of the nucleation anneal. The diffusivities of vacancies, determined
here for a temperature of 650°C, are in the range of 1 × 10−8 cm2/s
and they slightly increase with increasing compressive layer
stress.

The vacancy concentrations determined here for the nucleation an-
neals at 650°C, being in the range of 105–106 cm−3, are very small
compared to vacancy concentrations stored by high temperature RTA
at 1250°C, being in the range of 1013 cm−3.48 The latter vacancy con-
centrations are known to enhance the BMD density for subsequent
nucleation anneals at 650°C whereas vacancy concentrations stored
by RTA at 1100°C, being in the range of a few 1012 cm−3, have a weak
effect on the BMD density.49 In order to clarify this, BMD nucleation
was modeled. The results in Fig. 13 demonstrate that the maximum
BMD densities measured are quite well in agreement with modeling
and the surface energies needed to adjust the model to the experiment
are reasonable values.

Discussion of Modelling Results

The first results to be discussed are the diffusivities obtained from
modeling. The diffusivities of vacancies calculated for 650°C from
temperature dependent diffusivities reported in the literature are com-
pared with the average values from this work in Table II. Watkins
as well as Frewen and Sinno reported a very high diffusivity for
vacancies45,50 whereas Voronkov et al. claim that there are different
vacancy forms, a fast localized species corresponding to the Watkins
vacancy and a slow and a fast extended vacancy species.51,53 The
diffusivities found in our works are faster than the slow vacancy of
Voronkov and Falster and slower than the Watkins vacancy. In Fig. 14,
they are compared with the temperature dependent diffusivities from
literature and with experimental diffusivities from RTA from Ref. 45.
Similar to the experimentally obtained diffusivities from RTA the dif-
fusivities from this work are located between fast and slow vacan-
cies. The reason for the lower diffusivity could be that part of the
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Figure 12. Vacancy injection from the oxide/silicon interface plotted as function of the average layer stress. Vacancy supersaturation at the oxide/silicon interface
plotted as function of the average layer stress.

vacancies bind to oxygen. As an example the diffusivity of vacancy-
oxygen complexes from Quemener et al. is provided in Table II. It is
one order of magnitude lower than that of the slow vacancy. A similar
explanation was proposed in Ref. 53. However, in our case with con-
siderable hydrogen concentration in the nitride layers the inner bonds
of the vacancies generated at the interface silicon /nitride could be

Figure 13. Comparison of measured maximum BMD densities (full circles)
with modeled BMD densities at a depth of 19 μm below the surface (open
circles) for 4 h of nucleation at 650°C (red symbols) and 8 h of nucleation at
650°C (blue symbols).

saturated by hydrogen atoms forming {V,Hm} with m = 1-4. Ab initio
calculations have demonstrated that only {V,H1} would be diffusive
and its diffusivity would be lower than that of a single vacancy.42

Modelling of nucleation and the experimental results have demon-
strated that low vacancy concentrations being sufficiently supersatu-
rated can efficiently enhance oxide precipitate nucleation at 650°C.
This was a quite unexpected result because until now it was assumed
that considerably higher vacancy concentrations are necessary for en-
hanced oxygen precipitation. These are usually introduced by RTA at
1200°C and higher.48 We assume that the nucleation enhancement is
possible because the diffusive vacancies are available to be built into
the precipitate nuclei during annealing at 650°C when they diffuse
into the silicon wafer from the silicon/nitride interface. If the 650°C
anneal is carried out after a high temperature RTA, the early stages
of oxide precipitates are already formed during RTA cooling and the
vacancies are bound in VOn complexes which are mainly VO4.54 In

Table II. Diffusivities of vacancies at 650°C reported in the
literature compared to diffusivities obtained in this work.

Diffusivity at 650°C (cm−3/s) Reference

4.19 × 10−6 vacancy Watkins50

2.52 × 10−6 vacancy Frewen and Sinno45

2.93 × 10−10 slow vacancy Voronkov and Falster51

1.20 × 10−11 vacancy-oxygen Quemener et al.52

1.0 × 10−8 average for 4 h 650°C this work
5.3 × 10−9 average for 8 h 650°C this work
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Figure 14. Diffusivities of vacancies from Refs. 5,45,50 plotted as function of
the reciprocal temperature. Experimental values from Ref. 51 (full triangles)
and this work (full diamonds) are also shown.

other words, oxide precipitate nucleation took place already during
RTA cooling and the 650°C anneal first of all stabilizes and grows the
existing nuclei in this case.

Conclusions

In in order to investigate the effect of the nitride layer stress on
oxide precipitate nucleation, PECVD nitride layers with different layer
stress ranging from about 315 MPa to −1735 MPa were deposited on
silicon wafers with similar concentration of interstitial oxygen. Wafers
with and without nitride layers on the front surface were subjected to
nucleation anneals at 650°C for 4 h or 8 h followed by stabilization
annealing at 780°C for 3 h and growth annealing at 1000°C for 16 h,
all in nitrogen. The conclusions from this work can be summarized as
follows.

1. The layers contain hydrogen in different binding states. With
increasing compressive layer stress the concentration of the N-
H bonds increases, the concentration of the Si-H bonds de-
creases, and the layers become more silicon rich. All layers are
sub-stoichiometric with respect to nitrogen. During annealing at
650°C most of the hydrogen is kept in the nitride layers whereas
during the growth anneal at 1000°C it is evaporating to a large
extent. The total remaining hydrogen after the growth anneal is
decreasing with decreasing compressive layer stress.

2. There is a clear effect of the layer stress on oxide precipitate
nucleation. The higher the compressive layer stress is the higher
is a BMD peak below the front surface. If the nitride layer is
removed after the nucleation anneal the BMD peak below the
front surface becomes lower.

3. It is possible to model the BMD peak below the surface by vacancy
in-diffusion from the silicon/nitride interface. With increasing du-
ration of the nucleation anneal the vacancy injection decreases and
with increasing compressive layer stress it increases.

4. The diffusivity of vacancies obtained from the adjustment of the
model to the experimental BMD profiles is lower than Watkins’s
fast vacancy and higher than Voronkov and Falsters’s slow va-
cancy. It is assumed that the reasons for the reduced diffusivity
are the formation of vacancy-oxygen complexes and binding of
hydrogen to the vacancies.

The results of this work also raised questions which could not be
resolved at this stage. The main question is: Why compressive layer
stress leads to generation of vacancies? Most thermal and deposited
silicon nitride layers on silicon are tensile strained. In these cases,

stress relieve in the compressively strained silicon by vacancy gener-
ation seemed reasonable.
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